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\ | ABSTRACT

\j
%

Oriented semicrystalline polymers do not show linear viscoelastic
mechanical behavior in useful ranges of strain. The relationship of the
nonlinear viscoelasticity of the stress relaxation modulus to microstruc-
tural features, including crystallinity, crystalline orientation and amor-
phous orientation, was examined using oriented polypropylene film. The
microstructure was altered by annealing in such a way that crystallinity
and crystalline orientation were kept constant. Birefringence and sonic
modulus were used to measure amorphous orlentation. The strain dependence
of the isochronal stress relaxation modulus and the amorphous orientation
were then compared for unannealed and annealed films. .

~

Upon arnealing no change was found in the nonlinear strﬁiﬁpdependence
of stress relaxation modulus even though the overall lzvel of modulus de-
creased. The stress relaxation modulus was found to be a more éensitive
indicator of structural changes than the orientation functions,” Also,
structural changes large enough to decrease the stress relaxation modulus
did not alter the nonlinear strain dependence of the modulus.“uBy control-
ling crysta'linity and crystalline orientation, structural changes required
to cause changes in nonlinear beshavior may have been prevented. The struc-
tural change caused by annealing was not a simple retraction of amorphous
material, as evidenced by an increase in amorphous orientation. It is
proposed that, upon annealing, microfibrillar motion and increased lamel-
lar perfection cause a reductfon in crystal-crystal connections and an in-
crease 1n crystal-amorphous connections along the draw direction, thereby
decreasing the modulus.

In addition, the strain dependence of the stress relaxation modulus
was modeled using the multiple integral representation. At least four
terms in the series were needed to fit the data. Problems of series con-
vergence are discussed.
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INTRODUCTION

Isotropic semicrystalline polymers have advaatages for several
applications, including those where touginess and chemical stability are
required. However, their use has been limited because their stiffnesses
are rather low compared to metals or ceramics, and even to glassy polymers.
One approach to stiffening these and other polymers has been to use them
in composite form, reinforcing them with various stiff fibers and particu-
late fillers. However, another approach which is possible with the higher
crystallinity polymers is a form of "self-reinforcing'" which can be achieved
by orientation. For example, these polymers are drawn uniaxially or biax-
ially and the crystals are aligned in one or two dimensions, giving a
"microcomposite" effect. Such films are then stiffer and stronger in the
draw direction and may be useful for products requiring those properties.

An example of such an end-use is the subject of this work.

Highly oriented polypropylene films were formed by uniaxial drawing,
resulting in a high stiffness film. These films were laminated together
into  45° plates having around eighty film layers. These laminates are
being tested by the Army Materials and Mechanics Research Center in Worcester,
MA for protection of radar systems against ballistic impact. They were an
interesting case of the use of self-reinforcing polymers. They provided a
chance to examine a system all the way from the microstructure c¢f the indi-~
vidual films through tne film's mechanical properties, and finally to the
laminate properties. This thesis will deal with the first part of this
work: the relationship between the microstructural features of the films
and their stiffness.

Upon initial investigation of the PP film's mechanical behavior,

it became clear that the film exhibited strong time dependence. With fur-




ther investigation the modulus was found to be strongly dependent on

strain. Because of this interesting nonlinear behavior, several goals

were identified. First, we wished to gain a better understanding of the
relationship between the microstructure of the highly oriented polypropylene
film and its nonlinear viscoelastic behavior. This relationship was investi-
gated by using annealing of the films to alter their structure in a control-
led way. The viscoelastic behavior was then examined to see what effect the
annealing had had.

Another part of the work was to examine the applicability of the
multiple integral representation of nonlinear viscoelasticity to the type of
nonlinear behavior seen in these films, The number of terms needed to fit
.he data and the convergence of the series were checked. Also, the depen-
dence of the multiple integral coefficients on structural changes was exam-

ined.

12
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BACKGROUND

Morphology

The structure of highly drawn polypropylene and other semicrystal-
line polymers has been the subject of a great deal of study in recent years.
Several of the morpnological features are quite well established, while
cthers remain difficult to understand and are controversial. Some of these
feavures are microfibrils, crystalline orientation, amorphous orientation
and tie chains, long period (regular periodicity in the longitudinal direc-
tion), presence of voids, and evidence of crystalline bridges. These fea-
tures may vary depending on the starting material, i.e., its moleculay
weight and thermal history, and the conditions of draw, i.e., draw rate and
temperature. A brief review of the major microstructural features and
their dependence on the conditions of draw will follow.

The dominant feature of highly drawn polypropylene is the pres-
ence of fibrillar structure. This structure is observed in many ways, in-

cluding acid etching,(l6’3l) (17)

plasma etching, and by observation of
fracture surfaces. Fibrils have diameters on the scale of 1000 A. They
are composed of microfibrils which consist of alteraating crystalline and
amorphous regions arranged in series along the orientation direction.(34)
The c-axes of the crystals, which correspond to the chain helix axis, are
oriented in the direction of the microfibril axis. The crystalline blocks
in one microfibril may be aligned to a greater or lesser extent with the
crystalline blocks in an adjacent microfibril. The extent to which they
are aligned is affected by the drawing conditions and annealing. Cold

drawn materials(zs) (20°C) show a broad line width (in 26) in wide angle

X-ray diffraction and a poorly defined small angle X-ray pattern. Hot
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drawn (120°C) samples, however, show sharper WAXS peaks and a two point
(meridional, i.e., spots along the orientation direction) pattern in SAXS,
indicating a long period of 260 R. The presence of a large line broadening
indicates either a small crystallite size or large lattice strains and de-

(19)

fects. The lack of a clear SAXS pattern in cold drawn material was

thought by Owen and Ward(zs)

to indicate an imperfcozt, disordered lamellar
structure. Because of the low amount of line broadening in WAXS and the

regularity of the SAXS pattern, they conclude that in hot drawn materials,
the neighboring microfibrils have their crystalline regions aligned. The
effect of annealing on the structure will be discussed in a later section.

Taylor and Clark(26)

have described a third class of drawing,
known as "superdrawing", which results in some unusual features. It is
drawn in a two step process. WAXS of superdrawn polypropylene shows very
high crystal orientation, while SAXS shows no scaitering to a resolution of
40 nm. This result is interpreted in terms of a structure consisting of

a continuous crystal —atrix with amorphous regions as defects. Garton et

al.(16) studied a sin .4arly produced polypropylene fiber after etching with

chromic acid(lﬁ)

and the only morphological features that were observed
were some spotting, supporting the continuous crystal matrix proposal. A
gimilar . fructure was proposed by I.M. Ward and his associates for an ultra-

high modulus linear polyethylene(27’29)

drawn at 75°C. They based their
description of the structure on measurements of longitudinal and transverse
crystal thicknesses as measured from broadening of WAXS peaks and on the
neasurement of SAXS long periods.

Not only are the orientation and arrangement of the crystallites

important in the drawn polymer's microstructure, but the amorphous regions

also contain features of great importa.ce. During drawing, the crystalline

14




regions become nearly completely oriented at draw ratios of about 8. Above
that draw ratio, modulus, strength and other properties continue to chaage,
indicating that the amorphous material is altering. R.J. Samuels(la’zg_zs)
has described the measurement of both crystalline and amorphous orientation
by several techniques including wide angle X-ray diffraction, birefringence,
sonic modulus and IR dichroism. (See Appendices A - D.) Other features, in
addition to orientation, are needed to describe the amorphous structure.
Some of the most important of these are tie molecules, tie molecule length
distributions, and the constraint of the amorphous phase.

The tie molecule concept was proposed to explain how the crystal-

(34) described the process

lites in a drawn polymer are connected. Peterlin
of drawing and proposed a mechanism by which tie molecules developed from
the undrawn structure. His description of drawing and of the development
of tie molecules assumed that the crystals were folded chain, or adjacent
reentry crystals., This implied that, while most chains reentered the same
crystal at an adjacent position, a small number of chains, the tie chains,
were incorporated in each of two successive crystals in a microfibril.
During drawing, Peterlin proposed, each microfibril was formed from a sin-
gle lamella and the tie molecules between the crystallites in the microfib-
ril lay at the surface of the microfibril.

The nature of the connections between crystallites has been re-
examined recently in light of evidence that the folded chain concept of
crystallization may need modification. Recently, neutron scatte<ing exper-
iments have shown that there is no change in end-to-end distance or radius

(35) This has

of gyration on crystallization from the melt for PE and PP.
provided support for the suggestion that crystals in the bulk are not

strictly chain folded crystals. In the chain folded model the molecular

15

RN AN GRS e, BESNORwoest * S

ot o LN SN R i b n . e

St +
e

e




chain was attached to the growing crystal face and then the rest of its

S

length was 'reeled in" and attached to the growing face. The tie chain
was the occasional chain that connected two crystalline blocks. Neutron
scattering, on the other hand, seems to support the idea that erystalliza-
tion is an incorporation of nearby chains. These would not necessarily be
{ pieces of the same molecule, but instead would be segments from intertwined

molecules near the crystal face. With this model of crystal growth, there

are many more chains which may become incorporated in neighboring crystals.
These molecules are still called tie chains, but there are many more mole-
cules bridging the gap between crystallites. The concept of tie chain
length distribution arises from this idea. With this model an increase in
stiffness or strength might be due to an increase in the number of mole-
cules which have been pulled taut during drawing or to a change in the
length distribution as the crystals undergo the discontinuous transformation

into the fibrillar structure.(32’33)

Peterlin(éa) (in 1980) has discussed
the neutron scattering data and other data concerning crystallization and
concludes that half the stems in the crystal lattice must be connected by
reguiar loops with adjacent reentry and one third of all stems must be

connected by random loops. He also states that although a structure with

regular folds had been used in the basic model of drawing, it was not a

condition of that model. He does not, however, describe the effect of this i
new concept of crystallization on tie molecules and their development dur-
ing drawing. ] 3
Besides the orientation of the amorphous material, and the pres-
ence of tie molecules, and a distribution of tie chain lengths, the con-
straint of the amorphous material is Important. Several experimental tech-

niques have shown how drawing affects the constraint of the amorphous |

Reasdiaihainidia ~ M < oy xR T S




(61)

material. SAXS intensity decreased with increasing amorphous orienta~

tion, indcating a decrease in the density difference between the crystal-

(59)

line and amorphous regions. IR and Raman spectroscopy have been used

to study the alignment and length of segments in highly oriented material.

Mechanical measurements have also been useful tools in the study of the

) (36)

amorphous phase. Retting measired the relaxation spectrum in various

oriented PP samples and showed that the maximum in the relaxation spectra
shifts to higher time with increased orientation (up to 7:1 draw ratio).
Dynamic mechanical data, particularly the tand loss peaks, both aloag the

orientation axis(59’62’66)

(28)

and as a function of angle to the draw direc-
tiom, have provided information concerning the constraint of the amor-
phous reglons. Some of these results will be described in the subsequent
discussion on the effects of annealing. Table I lists the structural fea-
tures of interest in drawn semicrystalline polymers along with ihe tech~

niques that have been used to examine them, and references to some of those

who have used the techniques.
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TABLE I

IMPORTANT STRUCTURAL FEATURES OF
DRAWN SEMICRYSTALLINE POLYMER MORPHOLOGY

3 Structural Features Technique Reference
i Fibrillar structure SEM 26
Etching, acid,plasma 16, 17, 31
] Crystallinity Density 23, 4
; Orientation functions WAXS (azimuthal breadth) 1 - 6
Birefringence 23, 25, 10
Sonic modulus 23, 25, 10
IR Dichroism 23, 25, 10
Voids SAXS 4
Etching/SEM 16, 17
Long period SAXS (20 maximum) 22, 32, 33
Lamellar structure WAXS (peak broadening) 29
SAXS 19, 28
Lamellar angle SAXS 19, 28
Crystal size WAXS 58
Etching/GPC 60, 61
Continuity of crystal WAXS (peak broadening) 58, 27, 29
(intercrystalline bridges) SAXS 26
Etching 16
Dead Bend 26
Shrinkage 26, 62
Melting 26, 62
Tie chains, Mechanical measurements 28, 63, 64, 66
tie chain distribution 65
Constraint of amorphous material SAXS (intensity) 61

Area of tand B loss peak 59, 62, 66
Anisotropy of tan§ loss 28

IR & Raman spectroscopy 59
Shrinkage 23

Relaxation enectrum 36
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Viscoelasticity

In seeking to use polymers, the time dependence of their properties
must be considered. As with any material that is to be used in a mechanical
system, its constitutive relation is very important. Even in the simplest
case of an isotropic polymer, both its elastic and viscous character must be
considered. The theory of linear viscoelasticity (LVE) has been develcoped
to describe the time dependence or "memory"™ of these materials. However,
most polymers show a more complex behavior outside a certain range of stress,
strain or time. The behavior in these other regions is known collective.y as
nonlinear viscoelasticity (NLVE). 1In this section a brief discussion of the
basics of linear viscoelasticity, the criteria for linearity, and the limits
of linearity, as well as phenomenological observations of linear and non-
linear behavior will be presented. Also included will be a review of work

examining the relationship between structure and nonlinear viscoelasticity.

Linear Viscoelasticity

The description of the time dependence of polymer mechanical be-
havior usually begins by describing the response of the polymer to a stimu-
lus whose form is a step function. The two most common tests of this type
are stress relaxation and creep. In this discussion, the stress relaxation
test will be described. This test consists of applying a strain to the
sample in a step function, i.e, at t < 0 the applied strain is zero, and at
t > 0 the applied strain is €,. The stress, 0 (t), resulting fromthe applied

strain is then measured over a period of time. If the strain is a tensile

strain then the extensional stress relaxation modulus, E(t), is defined as

follows:

o (t)
€o

E(t) =

19
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Other functions such as extensional compliance, D(t), shear modulus, G, or
compliance, J, are also defined as the response normalized by the applied
stimulus, These moduli and compliances are the basis for describing the
time dependence of the polymer's behavior.

In developing a descr?’pticn of viscoelasticity, it is helpful to
define what behavior is considered linear behavior. The region of linear

behavior is described by two criteria:

o (C-e(t) ) = C-[o(e(t))]

and

c[el(t) + sz(t-tl)] =U[€l(t)] +0[ez(t—tl)]

It can be shown that the f{irst of these criteria is a special case of the
more general second criterion, but it is helpful to consider the two separ-
ately. The first criterion means that the modulus function, E(t), is inde-
pendent of strain., The second criterion is known as the Boltzman superposi-
tion theorem and implies that the response of the material to a second
strain is unaffected by a previous.y applied strain, and thus that the re-
sponse to a combination of strains is simply the sum of the responses to

the strains applied separately.

By considering this second criterion, and by dividing any arbitrary
strain history into a series of step strains, the response to the strain
history can be treated as the sum of the responses to those step strains.
Since the response, 0 (t), to a step strain, £,, is justc (t) = €,-E(t), the
response to a sequence of such strains is the sum of these responses. Ex~

pressed in integral form, this may be written:

£ __6e(8) de
o(t) = { E(x-D) &

20
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where dfe(£)] has been replaced by ——§§§é§l dg so that time, £, may be the
independent variable. Here E(t-£) is the extensional modulus function whose
argument is the elapsed time between the time of application of a strain and
the 1+ »e, t, at whicu the stress respense is desired. This function E(t-§)
is sometimes kncwn as the "memory function" because it describes the effect
at time t, of a stimulus applied in the past.

This relation, then, underlies linear viscoelasticity. It can be
generalized t.. deal with three dimensional stress and strain states where

the elements of the compliance or stiffrness tensor are time dependent.

Linear Viscoelasticity in Polypropylene

An overall picture of the linear viscoelastic behavior of isotropic

. . R (47)
polypropylene is shown in Figure 1.

This figure shows the modulus and
logarithmic decrement from a torsional pendulum over a temperature range of
-260°C to 155°C for three degrees of crystallinity. Note that at room
temperature :he material is in the middle of a glass transition region.
Similar figures and a discussion of the microstructural sources of the var-

ious transitions can be found in McCrum et al.(54)

An interesting study of the effect of orientation on the relaxa-

tion time spectrum was carried out by Retting (1973)ﬁ53)

Samples of poly-
propylene, having draw ratios from 0 to 6007, were tested in the linear
range of behavior using three tests: stress relaxation, forced flexural vi-
bration, and constant strain test. Each of these tests coverad a specific
time range: bending vibration, 10_4 to 2 x 10-2 seconds, tensile tests,

2 x 10—2 to 2 x 10_1 seconds, and stress relaxation, 1 to 104 seconds.

These tests were done in a temperazture range of between -40°C to 60°C. The

relaxation spectra. H(T), were determined by differentiating the time de-
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Figure 1: Dynamic mechanical loss traces: Polypropylene of
various degrees of crystallinity. A plot of torsion modulus
against temperature is included (Muus et 2l. 1959). (Ref.47)
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pendent moduli. Retting found that the maximum in the relaxation time

shifr<a to longer times with increased draw ratio. (See Figure 2.) He
suggests that this may happen because upon orientation of the fiber struc-
ture, the glass relaxation process parallel to the orientation in the

amorphous regions mav be hindered and therefore shift to longer times.

Nonlinear Viscoelasticity

Nonlinear visccelasticity describes the viscoelastic behavior of
material which does not fall within the criteria for linearity described
previously. The nonlinearity may be seen in two ways. First, the material
property, e.g., the extensional modulus, may show strain dependence. This
would be seen when, in a series of stress relaxation experiments, the ob-
served stresses cannot be superimposed by normalizing by the applied strains.
Nonlinearity may also appear when the response to a multi-step strain is not
described well by the Boltzmann superposition theorem. The material is then
showing a cross effect wherein an early strain has affected the material's

response to a subsequent strain. These features complicate the writing of

a constitutive relation, because the material functions are both tiwe and

strain dependent. Also, the responses to a series of steps in the strain
cannot simply be added together, instead the effect of one strain on the
response to another must also be considered.

The transition from linear viscoelasticity to nonlinear visco-

ot aren

elasticity is important to any user of polymers. A clear and extensive
review of the nature of the transition was presented by Yannas in his review

(71)

of 1974, Figure 3 shows the strain limit of linearity for amorphous

and semicrystalline polymers for temperatures around Tg' By assigning some

level of deviation from linezc behavior, the level of strain, stress or time
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at which nonlinearity became important was determined, and is shown as

percent strain at various temperatures, Polymers below Tg have a strain
limit of about 0.01, while above Tg semicrystalline polymers show strain

limits of o-ly 0.001 to 0.004.

Nenlinear Viscoelasticity of Polypropylene

A discussion of the observations made by several workers concer.-
ing nonlinear viscoelastic proper+ies of polypropylene will follow.

Lockett and Turner (1971)(42)

considered the effect of intermit-
tent loading on isotropic polypropylene. They found that the creep response
at any specific time increased successively during the first few cycles of a
multi~-cycle loading-unloading program. This is significant when mechanical
"conditioning" is applied to a specimen. It indicates that the state of

the conditioned specimen is different from the intital state of the sample.

The nonlinear viscoelastic behavior of oriented polyprepylene
fibers was studied by Ward and Onat (1963)(50) in one~ and two-step uniax-
ial creep and recovery. Recovery is the reduction in strain upon removal of
the load. (Recovery strain is defined as the difference between the strain
that would occur if the load remained and the obsarved strain after the load
has been removed. See Figure 4f37>)

They noted several features of behavior: first, the creep strain
was not linearly dependent upon the applied lvad, i.e., the compliance was
dependent upon load. Second, the recovery strain was greater than the
creep strain. Third, the instantaneous response in creep and recovery were
different. and, finally, additional creep due to a load applied at time td
after the initial load, was always greater than the initial creep and de-

creased with increasing td. These features of nonlinear viscoelastic be-

havior will be discussed further in 2 subsequent section, in the description
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of Bucklev's work.

Ward and Wolfe (1966)(52)

studied oriented polypropylene fibers
in two-gstep creep tests, applying different combinations of stresses, keep-
ing the time between the two steps constant, They found that the response
to a complex loading program could be predicted by simple addition of the
responses to the loads applied separately, with only small corrections re-
quired. They do not indicate whether or not this holds if the time between
steps is changed.

Other work concerning the nonlinearity of polypropylene is dis-

cussed in the following section. Work which has been done to understand the

molecular level processcs and structural basis for nonlinear viscoelasticity

will be described.
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Relationship Between Structure and Nonlinezr Behavior

The microstructural source of nonlinear behavior has been explored
by surprisingly few workers in the the past 15 years. 1In 1965 Hadley and

Ward(Az)

looked at room temperature creep compliance as a function of applied
load for samples with low, medium and high orientation and with two molecular
weights, (See Figures 5a, b, 6.) They found that the lower orientation fi-

bers showed a parabolic dependence of the compliance, C, on the applied load,

0o. As the orientation was increased the C vs. 0, plot became linear and,

for the highest orientation, sigmoidal. Thus for the most highly oriented
fibers C became independent of 0, at higho,. Molecular weight had no effect
on the form of C vs. 0 ,.

Hadley and Ward concluded that overall molecular orientation, as

indicated by birefringence, was the major contributor to the form of C vs.

Oo+ No explanation of the connection between orientation 2nd the form of

the nonlinearity was given. A very interesting exception to the relation-~
~hip between nonlinearity and orientation was observed in another fiber sam-
ple, called the "monofilament', which had been prepared differently. It

had a birefringence comparable to that of the most highly d: ..n fibers, but
showed a parabolic dependence of creep compliance on applied load. This wes
the same nonlinear form shown by the lowest orientation fiber. Thus, the
monofilament showed completely different nonlinear t2havior from that seen
in samples with similar birefringence. This is interesting because it
demonstrates that birefringence alone is insufficient to predict the type of
nonlinear behavior a sample will exhibit. It is possible that the samples
had different crystallinities or different orientation of the amorphous ma-
terial, such that the birefringence was the same, but the nonlinearity was

different. We can conclude that some factors other than the overall molecu-
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lar orientation, as measured by birefringence, are important in determining
the type of nonlinear behavior a sample will show.

In 1967 Lifshitz and Kolsky(68) discussed a possible mechanism of
nonlinearity. They examined isotropic low density polyethylene at room
temperature in tensile and torsional creep. They found that in a two-step
creep test, as the time under the first load increased, the response to the
second load decreased; thus it was less compliant. They attributed this
stiffening to an orientation effect which became more pronounced the longer
the lcad was applied.

(70) studied the nonlinear behavior of

In 1971, Yannas and Haskell
isotropic polycarbonate in stress relaxation over a temperature range from
23°C to 100°C. They applied the Green-Rivlin multiple integral formulation
with two terms in the power series., They wished to determine whether or
not this representation gave physically meaningful results or was simply a
mathematical model. Details of this representation are presented in the

en - 1" (O P, PO RN
Modeling'. Upon calculati

section entitled fficients for the mul-
tiple integral series, they found that the first coefficient monotonically
decreased with temperature. The second term did not vary in a regular way
with temperature. They concluded that only the first coefficient reflected
a physically meaningful phenomenon.

(77)

In 1974 Darlington and Saunders looked at the anisotropic

creep behavior of LDPE, PMMA and PVC. In LDPE they looked at the 100 second
Jo

creep modulus (i.e., creep modulus = ~£(100 sec) ) as a function of strain

for specimens at an angle, 9, to the draw direction. They found that the

strain at which significant nonlinearity first occurred depended strongly

on O, with the onset strain being lowest for angles nearest 90°. This effect

was not seen in PMMA., Tt is difficult to say whether or not this effect
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would be seen in other semicrystalline polymers, because LDPE has been
found to show unusval anisotropy in modulus. LDPE shows this unusual
anisotropy in that the 90° modulus is greater than the 45° modulus. It
may be that the features which cause the unusual directional dependence of
modulus also give rise to an unusual pattern of nonlinearity.

The most recent attempt to explain the source of macroscopic

(49) He

noniinearity in terms of microstructure was by Buckley in 1977,
examined isotropic polypropyleneat 65°C in combined tensile and torsional
creep and looked at changes in linear viscoelastic behavior while the sample
was simultaneously undergoing nonlinear viscoelastic deformation. He chose
a temperature of 65°C at which polypropylene is dominated (in the linear
region) by one relaxation mechanism, the a-relaxation. He discussed several
interpretations of nonlinear behavior. First he dispatched the theory that
internal damage accumulates while the sample is under load and recovers
gradually upon removal of the load. This was not a feasible explanation be-
cause the response to a second step in stress, applied at a time t, after

d

the first step was applied, was reduced as td was increased. Thus the sam-
ple had become stiffer with time under load, whereas if damage had been
accumulating it would have become more compliant.

The complexity of nonlinear behavior was pointed out by Buckley
when he noted cuat both stiffening and softening seem to occur under creep.
An appearance of "softening" behavior was seen in creep-recovery experiments.
If a creep stress was applied for a time, tc’ and was followed by recovery,
the recovery strain was for a while greater than the creep strain at an
equivalent time, Thus for a time under no load the sample was more compli-
ant in recovery than in creep. Also, as tc was increased, the recovery com-

pliaace increased. This is in contrast to the two-step creep in which the

additional creep compliance decreased with increasing time under the first
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load. Thus the idea proposed by Lifshitz and Kolsky that the sample orients
and so stiffens, cannot be correct, since it should be stiff in recovery
also.

Buckley concluded that up to strains of 0.01 the nonlinearity
could be described by making the shear creep compliance stress-history
sensitive while the creep compressibility behaved just as it would in
simple Boltzman superposition. He explained this in microstructural terms
by saying that viscoelastic regions were dispersed in an elastic matrix and
that only a small part of the structure was responsible for the o-relaxation.
The properties of the viscoelastic regions were controlled by the magnitude
of the local stress. He tentatively suggested some possible molecular level
interpretations.

First, the restraining elastic matrix mey consist of crystals and
noncrystalline "tie molecules" linking neighboring crystals. The viscoelas-
tic component then would arise from the noncrystalline wmolecular segments
at or near the lamellar crystezl surface, as has been suggested to explain
the o-relaxation. Another possible structural explanation may be that the
elastic component is as above, while the viscoelastic regions deform as a
non~-Newtonian viscous liquid. These ideas were put forward as suggestious

only. Arridge and Barham(l3)

in 1978 made a comment which suggested a simi-
lar explanation for nonlinearity. They said that nonlinear behavior is in-
evitable in semicrystalline polymers because of the irregularity of the
stress distribution throughout the polymer.

In conclusion, we can see that the connection between microstiruc—

ture and nonlinear viscoelasticity is nct well understood. This work seeks

to exploure that connection.
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The Effect of Annealing on Structure

In this work annealing was used to alter structure and properties.
Thus it is important to review the literature concerning the effects of an-
nealing on the structure of highly-drawn semicrystalline polymers.

In 1973 Samuels(23> found that the total amount of shrinkage of
oriented polypropylene fibers and films was controlled by the noncrystalline
chain orientation. This is important because shrinkage was allowed in some
of our films during annealing. In our work, however, shrinkage was limited
to 1 - 2%, while Samuels examined free shrinkage.

In another study published in 1973, Owen and Ward(zs)

compared
the structure and the anisotropy of the dynamic properties of three poly-
propylene samples. Cold drawn (at room temperature), hot drawn (at 120°C)
and hydrostatically extruded (at 100°C) samples were prepared. The cold
drawn samples were subsequently annealed by mounting them in a jig, but not
under tension, in an oil bath at either 120°C, 145°C, or 158°C. The samples
annealed at 120° and 145° showed a small amount of shrinkage, while those
annealed at 158°C shrank about 50%. Wide angle X-ray diffraction (WAXS)
and small angle X~ray scattering (SAXS) were used to examine the structure.
Creep (at 10 seconds), vibrating reed, and TFA (Transfer function analyser)
were used to examine the anisotropy of the moduli over a temperature range
from ~110 to +90°C.

From these data, Owen and Ward concluded that while cold and hot-
drawn material showed very high crystalline orientation, the hot-drawn ma-
terial showed a well-developed lamellar texture, while the cold-drawn mater-
ial did not. From WAXS and SAXS studies, the cold-drawn material seemed to

have small, strained and disordered crystals. The effect of annealing on

the cold-drawn structure was to allow a relaxation of the intercrystalline
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material, which reduced the number of interlamellar tie molecules such that
constraints on the deformation of the :morphous regions were reduced. A
second effect of annealing was to permit recrystallization, which created a
wore clearly defined lamellar structure.
In 1978, Nardella, Spruiell and White(19> carried out a study of
the drawing behavior of various polypropylene spun fibers. They also exam-
ined the effect of annealing on cold-drawn fibers. Their drawing conditions
were cold drawing at 25°C, hot drawing at 140°C and annealing at 140°C for
15 minutes. No indication is given as to the comnstraint, if any, given
during the annealing procedure. They concluded that cold drawing gave a
material havirg a reduced crystallite size and large amounts of lattice
strains and defects. They found that annealing caused a removal of internal
residual strains, increased the perfection of the unit cell and the size of
the crystallites, and caused a new long period to develop. These results
are similar to those found by Owen and Warl.

In 1978 an interesting phenomenon .ermed “self-hardening" was re-
ported by Arridge and Barham.(lz’l3’67) The phenomenon was observed when a
highly drawn polyethylene was held at constant length, heated to between
129 and 132°C (within the melting region) until all contractile tension had
dissipated, and was subsequently cooled to room temperature under consuvraint.
They found that if the modulus of the sample was measured immediately it
had decreased to 10% of the modulus of the original fiber, but upon remain-
ing at room temperature for several hours, either constrained or not, it
recoverad up to 757 of the original modulus. Similar effects were observed
in polypropylene, although the magnitudes of the changes were smaller.

The mechanism they proposed to explain this self-hardening was

that upon heating under constraint, most of the crystals melt, leaving only
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a small amount of crystallinity remaining. Upon cooling to room temperature,
recrystallization occurs fro. these remaining crystals, giving a highly ori-
ented crystalline region which causes a restoration of the modulus. The
resulting material shows no contraction upon heating and shows a '"dead bend",
i.e., extensive fibrillation upon bending the fiber.

Some similar properties were seen in polypropylene fibers created
by Taylor and Clark(26) in 1978. They termed their fibers "superdrawn" fi-
bers because they were made by a two--tep drawing process. First the fiber
was rapidly drawn to its natural draw ratio. Then at the same temperature
(optimal temperature was found to be 130°C) the drawn portion was further
drawn very slowly, at 4%/min. The resulting filters showed both the lack of
shrinkage at 155°C (in the usual melting peak) and the dead bend effect seen
in the self-hardened polyethylene, They also saw a very sharp melting peak
on the DSC and no SAXS up to a resolution of 40 nm., They concluded that the
unusual drawing procedure had produced a continuous crystal matrix in which
the amorphous material was limited .o disconnected regions (see Figure 7).
This structure is similar to that proposed for the self-hardening polyethy-
lene.

Other work which showed similar phenomena was carried out by

Gibson, Davies and Ward(27) (29,58)

{58)

and by Clements, Jakeways and Ward. Cle~-

ments et al, in 1978 examined a high density polyethylene drawn at 75°C
at about 500%/min. They used WAXS peak broadening to examine the average
crystal dimensions from the (200), (020) and (002) reflections. Upon draw-
ing above a deformation ratio of 10, they found little change in the (200)
and (020) reflections, i.e., those dimensions perpendicular to the draw di-

rection. However, from the (002) reflection (parallel to the draw direction)

a crystal thickness of 460 A was found. The same sample showed a SAXS long
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. (27}
period of 200 A. The authors concluded

that the structure consisted
of fibrillar stacks of crystallites linked by intercrystalline bridges, or
as a continuous crystal contailning disordered regions which are periodic in
the C direction (the orientation direction). (See Figure 8.)

In these three groups of work, the self-hardening phenomenon,
superdrawing, and the intercrystalline brdiges of Clements et al., similar
structures were proposed even though different processing was used in draw-
ing. This work is relevant to the discussion of the effect of annealing on
structure because it is a form of annealing under constraint, and in the
case of superdrawing, annealing under increasing strain. In each of these
models the continuity of crystals along the orientation direction is seen
to have a stiffening effect due to a parallel type stress transfer along
crystalline regions.

The effect of annealing on the high modulus polyethylene of Clem-

ents et al.(58) (29) in

was examined by Clements, Jakeways, Ward, and Liongman
1979. These samples were annealed at corstant length. Some were annealed
for 3-1/2 hours in an air oven (temperature 125 - 130°C) and cooled slowly.
Other samples were annealed for 2 hours in a silicone o0il bath (temperature
80 -135°C) and quenched in ice water,

The authors concluded that upon annealing, the initial 200 A
lamellar structure grew at the expense of the crystalline bridges with an
increase in the long period and the crystallinity. Thus, they concluded,

the effect of annealing was to produce a simple parallel lamellar texture

-n which the crystalline and non-crystalline material behaved as if they

were connected in series.

In 1980 an examination of a highly drawn polypropylene and the .
effect of annealing was described by Wills, Capaccio and Ward.(62) Their \
F
i
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Figure 8. Schematic representation of the structure of the
crystalline phase of highly oriented liiicar polyethylene.
(Ref. 27)




samples were drawn at 110°C at a crosshead speed of 10 cm/min., reaching
draw ratios of up to 18, High molecular weight samples were annealed for
60 minutes at 135°C under a tension of 5.5 MPa (~800 psi). Low molecular
weight samples were annealed for 15 minutes at 100°C under a tension of
10.4 MPa (~1500 psi). A similar annealing procedure, 15 minutes at 135°C
under 10 MPa (~1450 psi), on samples of high molecular weight, gave a
shrinkage of 8.5%; under the same conditions the low molecular weight
sample shrank only 0.7%.

The erffect of annealing on the structure was to cause a reemerg-
ence of the 8 loss peak which the authors concluded was due to the relaxa-
tion of the intercrystalline material. The relaxation allowed the occurence
of interlamellar shear. (See Figure 9.) 1In addition, at low temperatures
(T<30°C), the dynamic modulus increased on annealing, indicating that a
considerable degree of structural rearrangement had occurred. Annealing
also caused an improvement in crystal perfection and crystal size, as seen
by sharpening of WAXS peaks and an increase in the melting temperature as
seen by DSC.

Ia summary, various studies of the annealing of highly oriented
polypropylene and of linear polyethylene have been reviewed. Various con-
ditions of annealing were examined, including annealing under constant
length, or constant tension, and annealing at various temperatures. The
earliest of these annealing studies were made on cold-drawn (T~25°C) mater-
ials and later studies were made on moderate temperature-—drawn materials
(PP: T.110 - 130°C; PE: T~75°C). Generally these studies have found an
increase in crystalline perfection, little change in crystalline orienta-~
tion (except at high temperatures), an increase in the regularity of lamel-

lar structure, often a change in long period, and some report an increase
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in interlamellar shear. From this last observation the conclusion is drawn
that taut tie molecules relax on annealing. Whether or not the effects of
annealing on cold-drawn structures would occur in the annealing of a hot-

drawn material such as that examined in this study is uncertain.
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MATERIAL

A description of the polypropylene films that were studied will

be given, Both general information and specific measured properties will

be offered.

The polypropylene films used in this work were taken out of
laminates and films made by Phillips Scientific Corporation for the Army
Materials and Mechanics Research Center (AMMRC). They are designated XP
laminates and were developed for use in constructing battlefield radomes
(radar domes). The description of the process which was used to manufacture
these panels is shown in Figure 10. This figure and information on the
process were obtained from an AMMRC report (Ref. 56).

The films were stretched continuously between two motor-driven
rolls, passing through a radiant-heat oven between the rolls. The surface
temperature of the heaters was controlled in the range 320 - 480°C. The
film temperature as it left the oven was 170°C, as measured by an infrared
pyrometer.(sg’él) The drawing speed was approximately 50 meters/minute.(6l)
Draw ratios up to 12:1 and 14:1 were achieved.

After drawing, the films were cross-plied at 90 degrees to produce
pads. Eight-inch-wide strips of film were wound on a mandrel at opposite
45 degree angles. The pad was then cut off the mandrel and cut into smaller
sections. Several techniques were used to press theése pads to remove en-
trapped air betwee- the layers and t- provide structural integrity. It was
found that rigid, air-free laminates could be made with little loss in poly-
mer orientation under pressing conditions of 176°C and 2000 psi. The pres-—
sure prevented film shrinkage and relaxation of the oriented polymer. Lamin-

ates were held at temperature for 70 minutes, causing the center of the

laminate to be at platen temperature for 5 minutes. Pressure was maintained
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during a 60-minute cooling cycle until room temperature was reached. Figure

11 shows a finished laminate.

Samples for tests in these studies were prepared by cutting off
the edges of a laminate and peeling off the top layers. Then a section con-
taining from eight to ten layers was peeled off, care being taken to prevent
serious delamination among those layers. This "sheet" was then cut into
specimens. Specimen preparation will be discussed in the next section.

C.R. Desper has, in publications and presentations from 1973 to
1979,(11’59’60’61) presented structural data for some of the films produced
by AMMRC. This data will be described briefly. Replicas of the surface of
the films show a fibrillar structure. Crystalline orientation was around
0.992 to 0.997, with crystallinities of 0.66 to 0.69. Amorphous orientations

of from 0.38 to 0.69 were found.(ll)

Dynamic mechanical behavior showed
that as the orientation increased the tan§ 8 loss peak became smaller (see
Figure 12). Curves D and E are the most highly oriented films. This su-
pression of the B loss peak was also seen in oriented polypropylene by Wills
et al.(ﬁz) in 1980 (see Figure 9). From IR and Raman spectroscopy, Desper
concluded that the non-crystalline regions are not random mixtures of random
conformers, but are ¢.ilections of short helical runs, separated by no more
than a hand reversal.(sg)
Other studies of these highly drawn polypropylene films included
the measurement of crystal size by wide angle X-ray peak broadening. Desper
found that crystal size was 120 X in all directions. From SAXS, the long
period was found to be 170 R, and the pattern was a clear meridional pattern,
indicating a well-developed lamellar structure (as seen by Owen and Ward and
Nardella et al. in hot drawn PP as described earlier). See Figure 13. Etch-

ing in boiling 70% nitric acid was used to investigate the presence of taut

tie molecules, or extended chain crystals. The effect of the etch was pre-
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Figure 11: Photo of polypropylene cross-ply laminate. (Ref. 56)
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Figure 12: Effect of orientation on tan § 8 loss peak.
Curves D and FE have highest orientation. (Ref. 61)
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Figure 13. Small angle X-ray scattering pattern of

hot drawn polypropylene.

Draw direction is vertical.

Meridional maximum indicates 170 A& long period.
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sumed by Desper to be cleavage of thlie molecules at folds, leaving fragments

whose lengths would indicate the length between folds. The length distribu-
tion of the fragments was examined by gel permeation chromatography. See
Figure 14. In unstretched film, a bimodal distribution was seen with maxi-
mums at lengths of 85 A and 200 A and with 17% of the fragments having
lengths greater than 200 A. For stretched films a broader distribution

was found with a maximum at 100 A and with 33% of the fragments having
lengths greater than 200 3.(60’61) The increase in the number of fragments
having lengths greater than 200 Z was thought to be due to an increase in the
number of tie molecules or to development of a continuous crystal matrix.

Finally, on examining shrinkage behavior, Desper reported(61)

that samples
shrank appreciably in one hour at 155°C. In this feature these polypropy-
lenes differ from superdrawn fibers (described earlier). These data give a
general idea of the structure of the films formed by large scale drawing.

Measurements of the structural properties of the film examined in
this work were carried out to get a general characterization of the material,
To that end, thermal, X-ray and IR absorption were checked. Figure 15 shows
the measurement by Differential Scanning Calorimetry (DSC), using a Perkin
Elmer DSC-2, of the melting temperature (243°K, 151°C). Figure 16 shows
results from a Digilab Fourier Transform Infrared Spectrometer.

Figure 17 shows a transmission X-ray photograph made using a tech~

(4) (10)

nique described by Alexander. Figure 18 is an illustration from Samuels
showing the planar assignments to the spots (or arcs) obtained from transmis-
sion photos of cold drawn and annealed or spum polypropylene fibers. Note
that the photo from the film studied here resembles that of the cold drawn
fibers,

In summary, this section has reviewed how the polypropylene films

studied in this thesis were produced. The structural characterization of the
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Figurellgg: Transmission X~ray photograph of oriented PP
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films has also been described. Finally, some general characterization of

the film used in this thesis has been presented, including thermal properties,

IR absorption spectrum, and crystal structure.
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EXPERIMENTAL

In this section, sample preparation, testing geometry, mechani-

cal tests, techniques to measure strain, and the range of parameters which

were examined will be described. 1In addition, the equipment and techniques

used to measure orientation and the annealing procedure will be described.

e St

Specimens were straight-sided strips of film. They were made by

separating an 8 - 10 layer section from a laminate pad (described earlier).
The section was then cut into specimens. This was done by clamping the
section and a cutting guide (a metal bar with a width equal to the desired

sample width) to a table. Using a new industrial razor blade, the section

was cut completely through on each side of the guide. The cutting guide

reduced the variation in the specimen's width. Using new razor blades re-

duced damage on the specimen edges. This was especially important for the
spe~imens whosa leagths were perpendicular to the orientation direction.
Because the strength in this direction was so low, any defect at the edge
caused the specimen to fail prematurely. Once the multi-layer section had
been cut into specimen strips, the layers were separated. Since, in the
laminate, adjacent layers are oriented 90° to one another, the cut pieces

yielded specimens in which the orientation was in different directions.

The angle the orieatation direction made with the direction in
which the specimen was tested (the specimen length) was used to identify
the film specimens. The specimens which were examined were 0°, 45° and 90°
§ specimens, i.e., the first was tested in tension along the orientation di-

rection, the second at 45° to the orientation direction and the last per-

TR KK

pendicular to the orientation direction.
In deciding on specific sizes nf the specimens, several things

y were considered. First, the length was limited by the size of the laminate




pads. They were 12" x 12" and the orientation of the layers was diagonal

across the pad. This meant that the longest possible 0° specimen was about
16.5". The other constraint on sample size was that the individual strips
of oriented film making up the lamlnate were 8" wide. This meant that the
45° specimens were limited to about 10" and the 90° specimens to about 8".
The width for the specimens was set by the strengths in the various direc-
tions. For tha 45° and 90° specimens, the strengths were low so widths of
approximately 1" were typical. The 0° specimens were very strong and did
not require large widths. In fact, because of the anisotropy of the film,
the aspect ratio (length/width) =f the speciunen had to be considered as

noted by Arridge et al.(ss)

They found that for a tensile specimen of high-
ly oriented polyethylene, a length/width ratio nf approximately 30 was re-
quired before the modulus, determined using grip displacement to measure
strain, became independent of sample aspect ratio. Therefore, the length
was kept as long as possible and the width was kept to abocut 0.2" in order
to keep it large enough to cut and measure accurately.

Another factor in testing these specimens was finding an appropri-~
ate gripping arrangement. Ordinarily, a dog-bone shaped specimen would be
used to provide a large gripping area, making it possible to apply the re-
quired stress on the gage region. This was not possible for this material
because of its tendency to split along the orientation direction. For this
reason the straight sided geometry was used. For testing the 45° and 90°
cpecimens, gripping was not difficult. Flat plate, rubber coated grips,
which were tightened by a screw, were found to be adequate. The only prob-
lem that arose using this arrangement was that when the plates were tighten-
ed, torque had to be exerted, which could cause the specimen to tear. With

care, this could be avoided. In addition, a very careful alignment was




necessary so the specimen would be evenly loaded in the test,

Because the main interest was not in failure behavior but in
stiffness behavior, the simple flat plate, rubber coated grips were used to
test 0° spzcimens. The specimen was placed between the plates without any
other attachment. The 0° specimens could not be brought to failure in this
way, as slippage intervened at high loads, but the lower stress behavior
could be quite satisfactorily observed using this arrangement.

Both constant strain rate (stress-strain) tensile tests and
stress relaxation measurements were made. Also, some two-step stress relax-
ation measurements were made. Strain measurements in stress relaxation ex-
periments were made by measuring the location of gage marks with a cathe-
tometer before and after application of load. In constant strain rate tests
the strain was determined from grip di-placement. This was possible because
t grips were flat plate, not wedge type, and because the specimens were
straight-sided, not dog-bone shaped. Marks on the films werz aligned with
the edges of the grip faces so that any slippage in the grips would be no-
ticeable. The thickness of the films was measured using a weighing tech-
nique. The films were approximately 1.5 mil (0.038 mm) thick.

Two-step stress relaration tests were also performed to check the
time-invariance criterion of linear viscoelasticity. The time invariance
criterion states that the the response to an input does not change with the
time at which the input is applied. To test this, two sets of two-step
tests were done. In each test, an initial strain, £,, was applied at time
t = 0, and at a later time, t = tD’ a second strain of the same size was
applied, bringing the total strain to 2g¢,. Values of g, were 0,015 and
0.025. The additional stress due to the second step, 02(t - tD), was found
by subtracting the stress due to the first strain, Gl(t), from the total

stress at time t, 0 (t). Strain measurements in these tests were made using
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using the cathetometer.
In stress relaxation tests, the strain had to be applied as quick~-
ly as possible. For this reason, the highest cross—head speed (20"/min) was
used for the 0° and 45° specimens. Because the displacements were quite
small, the time to load was small. To prevent the 90° specimens from break-
ing, the cross-head speed was 5'/min. To set the strain, £,, the "Gage
Length" and "Return" dials on the Instron machine were used. These stopped
the motion of the cross-head at a displacement which was preset. However,
because of its speed, the cross-%e2ad normally overshot the set limit. This
meant that the displacement could not be set precisely. The range over

which the tests were performed is described below.

Constant Strain Rate Stress Relaxation
Range of strain rate (min_l) Range of Strain
0° 0.0002~0.02 0.001-0.06
45° 0.0003-0.02 0.003
90° 0.0003-0.02 0.0015

Orientation measurements were made using density, X-ray azimuthal
width, birefringence and sonic modulus, The equipment and details of the
techniques of thesemeasurements are described in Appendices A through D.

The density was measured using a Techne Incorporated Density Column with a
gradient made from isopropanol and ethylene glycol. Details of the density
measurement can be found in Appendix C. The crystalline orientation was
measured in two ways, as described in Appendix A. First, a Siemens pole-
figure goniometer was used. Also, transmission X-ray photographs were

maede using the X-ray camera and film holder of a Laue X-ray camera. These
were used for a qualitative comparison of the crystalline orientation of the

annealed and unannealed films.

3
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Birefringence measurements were made using a Berek compensator in
a Reichert light microscope (No. 323 474). Details of the measurements can
be found in Appendix B. Sonic modulus measurements were made on an H.M.
Morgan Co. (Cambridge, MA) Dynamic Modulus Tester, Model No. PPM5, at AMMRC,
Watertown, MA. Details of the measurement may be found in Appendix D.

To better understand the relationship between the microstructure
of the highly oriented film and its nonlinear viscoelastic behavior, a ser-
i2s of anmealing procedures was carried out. The annealing was done ;n such
a way that the degree of crystallinity and the crystalline orientation were
unchanged. This meant that the effect of annealing was limited to changes
in the amorphous structure.

To anneal the specimens, each film section was placed on a frame,
gripped at two ends, and the distance between the grips was adjusted to place
the film under tension or to leave it slack to allow shrinkage. The frame
and film were then placed in an oven for one and one-half hours. After that
time the frame was removed, allowed to cool, and the film specimen was re-
moved from the frame. At least a week passed before the film specimens were
mechanically tested at room temperature.

In summary, the details of the mechanical tests, the equipment
used in the orientation measurements, and the annealing procedure have been

described.
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RESULTS

Mechanical Properties

Several types of mechanical tests were carried out to examine the
modulus of the polypropylene film. First, constant strain rate (stress-
strain) tests and stress relaxation tests were performed on 0°, 45° and 90°
specimens to examine the mechanical anisotropy of the film. Some remarks
will bLe made concerning the relationship between the results of stress-
strain and stress relaxation tests. Next, stress relaxation tests on 0°
specimens over a range of strain from 0.001 to 0.06 were carried out. Two-
step stress relaxation tests were also performed. Finally, the polypropy-
lene films were annealed to cause a controlled change in structure, and con-
sequently in mechanical properties. After annealing, the specimens were
tested in stress relaxation so that comparison could be made between the
unannealed and annealed specimens. The results of these mechancial measure-

ments is the subject of this section.

Mechanical Anisotropy

The mechanical anisotropy was examined by testing the films along
the orientation direction (0°), at 45° to the orientation direction (45°),
and perpendicular to the orientation direction (90°), all in the plane of
the film., First the constant strain rate tests in the 0°, 45° and 90° di~
rections are shown in Figure 19. Curves from tests having about the same
strain rate (approximately 0.003 min_l) are compared. Note that the 0°
specimen was not brought to failure in this test. At the maximum stress
slipping in the grips began. In another test, using a different grip ar-
rangement, the failure stress for 0° was 5.9 x 108 Pa (8.5 x 1.04 psi).

Figure 20 shows a summary of the results from the constant strain
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rate tests at different strain rates. The initial slope from the stress-
strain curve is plotted here. The difference in magnitude of the nodulus
for the 0°, 45° and 90° specimens is apparent as is the difference in the
sensitivity of the initial moduius to the strain rate. The sensitivity
varies as follows: the increase in modulus per decade of rate is 12.4% for
0°, 7.5% for 45° and 5.7% for the 90° specimens,

Another example of the variation of properties with angle from the
orientation direction is presented in Figure 21. This figure compares the
stress relaxation modulus as a function of time for the 0°, 45° and 90°
specimens, all having about the same imposed strain. These data show the
same dependence of the modulus on direction as the stress-strain tests just
discussed.

Another interesting feature is that the shape of the stress relax-
ation modulus curves changes with the angle to the orientation direction. In
the 0° case, there is distinct curvature. The 45° specimens show some cur-
vature but much less than the 0° specimens. The 90° log modulus vs. log time
data are linear as far as could be determined. Measurement of the 90° stress
relaxation was complicated by temperature fluctuations which caused stress
variations due to thermal expansion. These were noticable because of the
low strains necessitated by the low strength of the film and because of the

smaller variation in the stress with time.

Comparison of stress-strain and stress relaxation

Comparison between the stress-strain (constant strain rate) and the

stress relaxation results is made in Figures 22 and 23. Figure 22 shows a

plot of log modulus vs. log time with a representativc stress relaxation curve

shown (g€, = 0.0128). Along with this, the slopes of the tangents to the

stress—strain curves are shown as bars. The time range over which these bars
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extend is determined by the strain over which the tangent touched the curve.
The strains are related to the time by the strain rate. Figure 23 shows the
stress-strain curve for a strain rate of 0.002 m:Ln“l as a solid line. Plot-
ted with this is data from stress relaxation experiments showing the stress
at :three different times plotted against the applied strain, £,, of each test.
Note that the minimum strain of the stress relaxation tests falls at or a

little above the yield strain in the stress~strain test.

Stress Relaxation for 0°

Because of the low strain to failure of the 45° and 90° films, and
the limited ability of the Instron to provide small displacements accurately,
variatilon im the stress relaxation data with strain could not be studied.
Also, a minimal strain was required to ensure that the strain would be ap~-
plied evenly over the whole specimen.

The 0° specimens, however, had a large range of strain that could
be studied. Figure 24 shows the stress relaration modulus in the 0° direc-
tion at four different applied strains. In Figure 25 the results of the
stress relaxation tests on the 0° specimens are summarized. The stress re-
iaxation moduli of one minute after the application of strain, E(1 min), are
plotted against &,. The figure clearly shows that the stress-strain lin-
earity criterion for linear viscoelasticity is not found.

Even at the lowest strzins tnat could be applied with the equip-

ment available, nc¢ linear region was found.

Two-Step Stress Relaxation

The time invariance criterion of linear viscoelasticity was

(68)

checked following the example of Lifshitz and Kolsky. The test is

described in the Experimental section. Results of the tests are shown in
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Figure 26 for €, = 0.0125 and in Figure 27 for €, = 0.025. 1In each
Ul(t)le1 (solid line) and Gz(t—tD)/e2 (dashed line) are shown. Delay times

of 4, 10 and 100 minutes were used between the two steps in both of these

" tests.

Upon examination of these figures, two features are apparent.
First, the shape of the modulus-log time curve is different for the first
and second steps in strain. The reldaxation is more rapid in the response to
the second step in strain, However, the magnitude of the moduli in the
first and second steps is not markedly different and shows no regular trend
with delay time. It should be noted that, because exactly the same strain
could not be applied in each step, the calruldation of the modulus due to
the second step in strain was complicated and error was introduced. There-
fore, the small differences in the magnitude of the modulus between the
first and second step responses and between the responses for the various
t, camnot be taken as significant. It seems, therefore, that the time in-
variance criterion of linear viscoelasticity is obeved, becausc the magni-
tude of the modulus did not change with the delay time., However, the change

in the shape between the first and second step response is a violation of

the time invariance criterion, albeit a small omne.

Effect of Avrpaaling

The effect of annealing on the mechanical properties of the poly-
propylene films, depended on the type of annealing that was performed. The
first film specimens were annealed at 113, 120, 135 and 155°C while the film
was extended to 1% strain. After annealing, the specimens were coole? and
stored for approximately one week. They were then tested in stress relaxa-

tion. The stress relaxation moduli of these films at one minute as a func~-

tion of the applied strain are shown with daca from the unannealed film in
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Figuce 28. Some small changes in modulus can be seen in those specimens

i

annealed at the lowest and highest temperatures, For those specimens an~

I T

nealed at 113° and 120°C a small increase in modulus was seen. For sneci-

mens annealed at 155°C the modulus decreased slightly.

Because the change in modulus was small, a more severe annealing

g

procedure was used. In this procedure, the film specimens were annealed at

Lt

e

ia g Gl

1. nd 133°C with the frame's grips set to allow 1% shrinkage during the

1-1/2 hour annealing period. These specimens were tested after one week of

storage. The stress relaxation moduli at one minute for these specimens

are shown in Figure 29. It is apparent that the annealed specimens wiich

were permitted to shrink showed a strong decrease in modulus over the strain

range examined. However, the form of the modulus' dependence on strain

was not changed for the annealed compared to the unannealed samples.
From the measurements described above, it is clear that the effect

of annealing on the highly oriented f£ilm depends on the annealing temperature

and on the amount of constraint on the specimen during annealing. Annealing

with 1% shrinkage showed a decrease in modulus, whereas a specimen annealed
at the same temperature but under extension showed little or no change in
The freedom to shrink allowed an internal structural rearrangement

modulus.

which led to a decrease in modulus. The nature of that rearrangement is of

interest, and will be taken up in the Discussion section after the results

of structural measurements are described.
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Figure 28:

Comparison of the one minute stress relaxation modulus vs.
strain for unannealed samples and samples annealed under constant ex-
tension of 1% at the indicated temperatures for 1.5 hours,
were cooled to room temperature after annealing and tested in stress
relaxation approximately one week later at room temperature.
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Figure 29: Stress relaxation modulus at one minute vs. strain for
unannealed specimens (O) and specimens annealed at 120°C (A) and
133°C (). Specimens were annealed for 1.5 hours with 1% shrink-
age allowed. Specimens were cooled to room temperature and tested
in stress relaxation approximately one week later at room tempera-
ture,
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Structural Measurements

In this section the results of structural measurements including
density, wide angle X-ray diffraction, birefringence, and sonic modulus will

be given. Details of the measurements are given in Appendices A through D.

Density

Density was determined using a density gradient column to be
0.914 g/cm3. All the samples that were annealed and are discussed in this
thesis showed the same density as that of the unannealed material., We
concluded from this that the degree of crystallinity was unchanged by
annealing. The maximum variation in density between the samples was + 0.1%,

corresponding, to, at most, a change in crystallinity of 1.6%.

Wide Angle X-ray Scattering

The crystalline orientation of the unannealed film was measured
and the crystalline orientation function fc was found to be 0.97. To check
wnether or not the crystalline orientation had bezn disturbed by annealing,

(4)

transmission photographs were taken as described in Appendix A, No
vroadening of the diffraction spots was seen, indicating that the orienta-~

tion of the cryscrals was not altered by the annealing procedure.

Birefringence Measurements

Birefringence measurements we. e made on unannealed and annealed
films, to look for changes ia amorphous orientation., A detailed description
and discussion of the technique is given in Appendix B. An average value of
birefringence for the unannealed films was found to be 0.0324 with a stan-
dard deviation of 3.6% of the average. The birefringence values measured
for annealed specimens fell within the values of the unannealed specimens.

Thus 1if any changes in birefringence did occur upen znnealing, it was not
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possible to detect them because of the large variation between the individ-

ual films' birefringences.

Sonic Modulus

Sonic modulus measurements were made on unannealed specimens and
on specimens which had been annealed at 121° and 133°C and Lad experienced
1% shrinkage. The unannealed specimens had a sonic modulus of 1.76 x 106
psi. Anneaied samples showed an increase of up to 8% in sonic modulus as

compared to the unannealed films. Because the increase was greater than the

957 confidence limits, it represented a real increase in amorphous orienta-

tion.

Comparison of Sonic Modulus and Birefringence

A comparison vetween the sensitivity of birefringence and sonic
modulus to changes in amorphlous orientation explains why a change in
orientation can be seen by sonic modulus and not by birefringence, Figure
30 shows this comparison. Each curve was calculated from the equations
relating orientation to sonic modulus and to birefringence, for values of
fc = (0.97 and X, = 0.72. The sonic modulus is more sensitive to amorphous
orientation than birefringence. For our case, the observed 87 increase in
sonic modulus corresponds to a change in fam from 0.55 to 0.60. By calcu-
lation, the change in birefringence from that change in fam would be 27Z.
Thus the change in birefringence would be less than the 3.5% scatter in
the birefringence data; therefore, the change in fam was not detectable by
birefringence. Because of its superior sensitivity and ease of use, sonic
modulus is the preferred method for measuring small changes in amorphous

orientation in highly oriented polypropylene,
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Figure 30.
and birefringence to amorphous orientation.

Comparison between sensitivity of sonic¢ modulus



DISCUSSION

Structure of Unannealed Film

To reach its present structure, the polypropylene film as taker
from the laminate had gone through several processes. It “ad been blown and
then drawn at 170°C at 50 meters/min. to a draw ratio of 12:1. it had then

been laminated and pressed at 176°C at 2000 psi for 70 minutes and cooled

for 60 minutes. This process resulted in a clear film. The pressing prob-

ably healed voilds created during drawing.

The films pr¢ .icedin this way had a fibrillar structure, as seen

by TEM replicas, virtually complete crystal orientation, a hig.. crystallinity

° [+]
of 72%, and a crystal size of about 10C A wide and 120 A long. SAXS indi-

iR

cated a lamellar structure. The amorphous materizl had an orientation of

0.55 and was constrained, as indicated by a suppression of the tand B loss

peak and the high orientation indicated by IR and Raman dichroism.

% Other information concerring the film's structure was gathered

1 from the anisotropy of its mechanical properties. This film showed a
straightforward pattern of anisorropy in several mechanical pr.perties,
Strength and modulus botl were greatest along the draw direction. This is
attributable tc the deformation of tie molacular chains aligned in the draw
divection, with Li.e stresses transmit.ud by the molecules between the crys-
tallites. The lcwer strength and stiffness in the 45° and 90° directions ;
Incdicate the predominance of van der Waals type forces and a lesser amount

of ccralently bonded chains in those directions. ;

E ' Another feature cof mechan.cal anisotropy in these films is the
anisotropy in time dependence. Tu this work the modulus was examined by
constant strain rate (o-¢) tests aud by stress relaxation. 1In the former,

the initial slope of the 0-€ curves showed strongest time dependence in the
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draw direction (0°) and the time dependence decreased as the angle to the
draw direction increased to 45 and 90°., (Refer to Figure 20.) A similar
trend was seen in the stress relaxation modulus. The decrease of modulus
with time was strongest in the draw direction. (Refer to Figure 21.) This
time dependence indicated the presence of some type of structure allowing
motion. This motion arose at room temperature in polypropylerne, from the
motion and flow of amorphous material. Because of the high orientation and
especially because of the suppression of the tand B loss peak, it might seem
that the time dependence of the modulus would be eliminated. However, this

was not the case. Clearly, despite the high constraint of the amorphous

regions, movement wae - ©ill possible. It was also clear that the direction

perpendicular to the dr.v direction (90°) was not devoid of amorphous mater-

ial. The 90° specimens retained some time dependence, though the effect was

decreased as compared to the draw direction.

From the consideration of the structural information on the filu,
a comparison to the proposed models of highly drawn semicrystalline struc—
tures was of interest. The major structures proposed have been the tie-mole-~
cule fibrillar model of Peterlin, the crystalline bridge model of Ward, and
the continuous crystal network proposed by Taylor and Clark. The last of
these sezmed to pe eliminated for several reasons, First, the method of
production of these films was quite different from Taylor and Clark's.
While they drew their fibers very slowly (4% / vnin.) at 130°C, giving them
a form of annealing und r s:ress, the films studied heve were fc med by
high-speed drawing (50 meters minute) at high temperatures (170°C). Also
« .me ipportant properties especially indicative of the continuous crystal

(CC) structure were not seen. The CC structure gave no SAXS pattern to a

resolution of 40 nm, and thermal stability at 155°C. Our film, however,
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showed a clear meridional SAXS pattern and Shrank 13% in 15 mlnutes with

145 psi lrad at 150°C., Thus we concluded that the CC structure was not
present in our film.
Another model that has been proposed for highly drawn semi-

(29,58)

crystalline polymers was presented by Clements et al. and Gibson et

al.(27) They examined the drawing ..7 linear pol-..thylene (I.PE) and the
resulting microstructurce. From WAXS broadening they found a crystal size
whick was greater ghan the repeat perlod seen by SAXS. From this they con-
cluded that the structure consisted of fibrillar stacks of crystallites
linked by intercrystalline bridges, shown in Figure 8. However, in 1980

Wills, Capaccio and Ward(éz)

published a similar study of the drawing behav-
ior of polypropylene. They found that they could produce material having
modull which were comparable percentages of the theoretical moduli to those
which had been achieved in the drawing of LPE. They found, however, that
the lack of sharp melting behavior forced the tonclusion that ihe structural
homogeneity seen in LPE was not present in their drawn PP. They concluded
that their structural measurements were consistent with the general features

of the model of drawn structures put forward by Peterlin.(BA)

The films in ]
this study alsc showed broad melting behavior indicating that the crystalline
bridge concept was not appropriate to describe their microstructure. We too

concluded that in general Peterlin's model was best.

Fatrom ik datebemind




Effect of Annealing

When hot-drawn, highly oriented polypropylene films were annealed
at T = 121 and 133°C, allowing 1% shrinkage, a decrease in the stress relax-
‘ation modulus over a range of strain and a small increase in sonic modulus
were observed. The freedom to shrink proved to be important. Films anneal-~
ed at the same temperatures with no shrirkage 3id not show any large change
in modulus. In none of these samples was there any change in crystallinity

or crystalline orientation.

TR o R it g et ohelih oot

The changes in preperties and structural measurements outlined

above indicated thal an internal structural rearrangement had occurred upon

pfsaioft & ek

annealing. To understand the effect of the annealing procedure, we first

L

looked at what has been found in the literature. Most annealing studies had

been done on cold-drawn material. In such material annealing resulted in an

T

e

o

increase in the regularity of lamellar structure and a relaxation of taut

tie molecules, as evidenced by au increase in interlamellar shear‘(zs) In

none of these studies had either the crystallinity or the orientation func-

gt

G

tions been monitored. When cold-drawn material had been annealed, the temp~

gy

erature of annealing was greater than the draw temperature. This was quite

different from our work, where annealing was done at temperatures 40°C lower

i

than the draw temperature. The question arose, whether or not the effects of

annealing hot-drawn material were the same as those observed in cold-drawn

material.

One effect seen in annealing cold-drawn material was the develop-
ment of a more perfect lamellar structure. Ia hot-drawn materjials, a lamel-
lar structure already existed. It might seem, therefore, that this effect
had already occurred during drawing. However, further reorgamization into

more perfect lamellae might still be possible. Another effect seenin anneal-
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ing cold-drawn material, simultaseous with lamellar rearrangements, was

the relaxation of taut tie moleucles. It wus unclear whether or not these
two phenomena were linked, that 1s, whether in order to relax taut tie moie-
cules the large motions involved in reorganizing lamellae were necessary.

If they were linked, it would be harder for taut tie molecules to relax in
hot-drawn material because the amount of lamellar rearrangement would be
less.

The effect of annealing on PP films which had been drawn at a
temperarure between cold-drawn (25°C) and our hot-drawn (170°C) films was ob-
served by Wills et al.(62) They annealed PP films which had been drawn at
110°C, at 135°C under tension of 5.5 MPa for an hour. They do nct state how
much shrinkage occurred, but from other data on the same films, shrinkages
of between 8 and 157 were found. On such films annealing resulted in restor-
ation of the B loss peak, indicating an increase in the mobility of the
amorphous material,

Thus several possible effects migh: be occurring upon annealing.
First, the decrease in modulus which occurred when our PP film was annealed
with 1% shrinkage, suggested that the amorphous material was retracting,
thus relieving the taut tie molecules. This wculd explain the shrinkage and
the drop in modulus, but structural measurements did not indicate the de-
crease in amorphous oriencation chat would be expected if simple retraction
were occurring. In fact, the sonic modulus measurements indicated an in-
crense in amorphous orientation.

Another possitle expianatio.: of the increase in sonic modulus
with a 2crease in the :iress relaxation modulus is that relaxation of the
amorphous material did occur but was accompanied by a small increase i~

crystallinity, This might increase the sonic modulus enough to mask the
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relaxation of the amorphous material. We knew from density measurements

that the density of the annealed films was within the scatter of the density

of the unannealed film. The scatter in the density was + 0.0008 g/cm3, that

" is, approximately + 0.1%. This corresponded to a scatter in crystallinity

of 1,6%.

To check the effect of such a change in density, the calculat*un of
fam from sonic modulus for the annealed films was repeated. In the new calcu-
lations a value of crystallinity was used that was 1.6% higher than that used
in the earlier calculations. The values of fam calculated in this way were
found to be 3% lower than earlier calculations of fam' However, this still
meant there was a 4% chenge in fam from that measured for the unannealed film.
So, even if we took a change in aystallinity into account, we still found
a small increase in amorphous orientation. Thus a retraction of the amor-
phous material did not seem to be a viable explanation of our data.

Reconciliation of the drop in stress relaxation modulus, the
shrinkage and the increase of sonic modulus upon annealing was possible by
considering a larger scale reorganization, rather than a siwmple retraction
of amorphous material. In cold-drawn material, annealing caused a lamellar
structure to develop, in which crystailites in adjacent microfibrils became
aligned. Iu hot~drawn material such as ours, a lamellar structure already
existed, but it had an amorphous phase which constrained the lamellae. An-
nealing of this structure may have permitted changes similar to those seen
in cold-drawn matcrial, though the changes would not have been as large.

With this in mind it is suggested that annealing, with shrinkage,
allowed a movement of microfibrils past one another, causing a further re-

organization of the crystallites into a more ordered lamellar structure.

This would explain the mechanismof shrinkage. The decrease in stress relax-
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ation modulus may be rationalized as follows. Before annealing, some adja-
cent microfibrils were positioned so the crystallites were not aligned, but
were staggered. See Figure 21. In unannealed f£ilm, the misalignment of the
crystallites would allow stress to be, in part, transferred along crystal-
crystal connections. On annealing, the amount of misalignment would be re-
duced arnd the crystallites in adjacent microfibrils would be better aligned.
Because of this the stress transfer from crystal to crystal is reduced and
the stress must be transferred through the amorphous regions, resulting in
a decrease in modulus. It is possible that during such a rearrangement,
chains in the already highly-ordered amorphous regions are forced into
greater alignment, causing the increase in sonic modulus. Possibly in this
case as well, some small increase in crystallinity may contribute to the
increase in sonic modulus.

In conclusion, the effect of annealing on our PP film when 17
shrinkage was allowed was to cause a decrease in the stress relaxation mod-
ulus and a small increase in sonic modulus, indicating an increase in
amorphous orientation. Because of the latter observation, a simple relaxa-—
tion of the amorphous material leading to a decrease in modulus and shrink-
age was not a consistent explanation. A mechanism was teﬁtatively presented
which explained these observarions, The mechanism, in short, is as follows.
Upon annealing, shrinkage takes place by movement of microfibrils past one
another, As a consequence, crystallites in neighboring microfibrils align,
reducing crystal-crystal connections which had increased the stiffness.
Consequently, crystal-amorphous connections become more important in stress

transfer and thus the modulus is reduced.
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Discussion of Nonlinear Viscoelastic Behavior

In this section a review will be given of the aspects of non-
linear behavior exhibited by the PP film along the draw direction. Also,
the effect of annealing on the mechanical behavior will be described. The
discussion will conclude with a comparison of this work to the work describ-
ed in the literature concerning the relationship between microstructure and
nonlinear viscoelasticity.

We have examined the stiffness of a highly-oriented PP film along
its draw direction and found that it showed nonlinear viscoelastic behavior.
First, nonlinearity was seen in violatiopo of the so-called "stress-strain

linearity"(71)

criterion. For stress relaxation, thie prediction of linear
viscoelasticity was that the modulus (E(t) =0 (t)/g,) did not depend on the
applied strain, €,. From Figures 24 and 25, it was clear that for the 0°
specimens this was not the case. It was not possible to determine whether
or not this was the case for the 45° and 90° specimens, since their low
strain to failure prevented an examination of the strain dependence of stress
relaxation. Another feature of this data was that no region of linearity
was found down to strains of 0.001. Because our equipment could not apply
smaller strains that this, and because measurement of smaller strains than
0.001 was not possible by the cathetometer, the strain limit of linearity
was not found.

A second criterion of nonlinearity was the time invariance cri-
terion. As described in the Results section, for times from 4 to 100 min-
utes, the time invariance criterion was seen to hold.

A third way the linearity of the film's behavior was tested was

by comparing stress-strain tests to stress relaxation. Linear viscoelastic-

ity predicted that the instantaneous slope of a constant strain rate test

90 3




at some time ti, would correspond to the stress relaxation modulus at t = t

5

This prediction seemed to provide a way to relate the data from stress-—
strain tests to the stress relaxation data. To check this, tangents were con~
structed to the load-displacement data for C° specimens from constant strain
rate tests. These tangents were constructed at several strains. The corres-
ponding times and moduli were determined. These modulus-time "points" are
shown in a log modulus vs. log time plot along with data from a stress re-
laxation test in Figure 22. These "points" were shown as bars because the
curvature of the load-displacement curve was small and the tangents touched
the curves over a range of strain/time. The prediction of linear visco-
elasticity, that the slopes would corraspond to the stressrelaxation modulus,
was not observed.

The nonlinearity that was observed was interesting. The drop in
slope in the stress-strain plot shifted with strain rate, and did not cor-
respond to a specific time only. A relaxation time concept in which specific
molecular motions had specific relaxation times controlling the behavior was
not the only factor here. It seemed that the tranciticn from high to low
modulus (slope) occured at a shorter time for the high strain rate than for
the lower strain rates. It didn't seem, howevér, to be solely controlled by

strain either. This was furtner evidence of the complexity of this mater-

[»}

ial's behavior in which strain or time alone were insufficient to describe

ook SR il fo

hehavior.

A

Another attempt to relate the stress relaxation and stress-strain

g 1N, il

behavior is shown in Figure 23, Here isochronal stress-strain curves were
constructed from stress relaxation dataat times of 0.1, 1.0 and 10 minutes.
This was compared to a constant strain rate test having a strnin rate of

0.062 min . Note that to veach a strain of 0.02 in the stress-strain test,

(i

] M%dx ﬂlh\uﬂ:k by
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ten minutes were required. It was interesting that the slope of the iso-

chronal stress-strain curve for ten minutes was about the same as that for
the constant strain rate test. These comparisons of stress relaxation data
ard constant strain rate data showed that the material behavior was similar
in both tests, but that the behavior predicted by linear viscoelasticity
was not observed.

With the desire to examine the microstructural control of non-
linearity, films were annealed as has been described. The effect of the
annealing on stress~strain linearity was checked by performing stress relax-
ation terts at various applied strains. A marked drop in modulus was found
over all strains examined, but there was no change in the form of the E vs.
€, curve. Thus the moduius was more sensitive to the changes in structure
that orcurred on annealing thianwas the' formof nonlinearity. It is possible
that in order to change the form of nonlinearity larger changes Jan structure
may have been needed. Later these points will be discussed further. For the
rest of this section, proposals which have been put forward to describe the
structural basis of nonlinearity are discussed and compared to the data pre-
sented in this thesis. Also, a discussion of r:lated points will be made.

The effect of orientation on the.creep of polypropylene was exam-
ined by Hadley and Ward.(Sl) They found that fibers having different amounts
of orientation had different forms of the stress dependence of the creep
compliance. The isochronal compliance-stress data for their most highly-
oriented fibers had a similar form to the present isochronal modulus-strain
data. Unfortunately, Hadley and Ward did not present any other structural
data besides birefringence and molecular weight. The value of birefring-

ence they measured for their spun, heat set and drawn fibers of highest or-

ientation was 30 x 10-3, as it was for their "monofilament"'. This was sim-




ilar to the birefringence of our film: A = 32 x 10-3. As described in the
background section, they found that the shape of the compliance vs. applied
load curve was different for the heat~set and drawn fibers compared to the
"monofilament", even though the birefringences were the same. (See Figure
5b.) (The behavior of the polypropylene films studied in this thesis re-
sembled the behavior of the spun, heat-set and drawn fibers rather than the

; behavior of the "monofilament".) Thus, even with little oi no difference in

birefringence, a variation in the form of the nonlinearity was seen. This

was similar to the observation in the present work that with little or no

change in birefringence, crystallinity ox crystalline orientation, the modu-

lus droppe . witlh no change in the form of the nonlinearity. Hadley and W-~d's

differences in nonlinearity could have been due to variations either in crys-

il

tallinity or in crystalline or amorphous orientation, which would alter the
nonlinear behavior but give similar values of birefringence. Interpretation
of our data is more restricted since the crystallinity and crystalline orien-

tation did not change. Because the overall orientation did not change very

much and the crystallinity did not change, we must conclude that other fea-
b tures of the microstructure were altered which did not change titose parame-

ters to a large extent, but did allow a significant drop in modulus.

0 WBOHRG SV &

The data presented here concerning time invariance was compared to

R v it

tkat found by Lifshitz and Kolsky(68) for isotropic LDPE. They found that
& the response to a second step in load decreased when the time between appli-
cation of the first and second loads was increased. This was not found in

) the present case of oriented polypropylene. VWhen sim.lar experiments were

i

carried out in stress relaxation, the stress response to the second step

in strain was found to have little or no dependence on the time between
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application of the first and second strains. The difference can be explained
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by noting the difference in materials. The present material is a highly-
oriented polypropylene, while Lifshitz and Kolsky examined isotropic low-
density polyethylene. In our work with polypropylene, the two-step tests
were done at strains in the range where modulus was independent of strain.
Because the LDPE was isotropic it probably had no leveling-off of the com-
pliance at higher stresses and thus showed the effect of time to a greater
extent. Also, Lifshitz and Kolsky .covered a range of delay times from 1 to
1235 minutes, whereas our delay times only ranged from 4 to 100 minutes.
Therefore we may have seen less effect because we observed a smaller time
range.

(49) and echoed by Avridge and

The theory suggested by Buckley
Barham(l3), that nonlinearity in semicrystalline polymers arose from an
irregular structure and the consequent irregular local stresses, was in-
tuiti: ely reasonable. Some features of Buckley's work had to be noted
before comparison to the present work could be made. Buckley's data in
support of the irregular structure concept was collected on isotropic poly-
propylene at 65°C. From dynamic mechanical data, polypropylene at 65°C is
in the o loss region. This was quite different from the present work. 1In
our work all tests were performed at room temperature, where the f loss
process is located. Thus the specific findings of Buckley may not be
precisely applicable to this work. However, his conclusicn that the ir-
regularity of local stresses on individual viscoelastic reglons causes a
nonlinear response, may be important not only for isotropic polypropylene
but also for oriented polypropylene.

In the present work, this theory was examined by anrealing orient-

ed polypropylene with the goal of altering the structure and examining the

resulting changes in nonlinearity. It was thought that the effect of anneal-
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ing might be to reduce the irregularities of stress throughout the struc~
ture, and thus to reduce the nonlinearity. However, if such changes did
occur, their magnitude was too small to affect the nonlinearity noticeably.
It may be that the changes In structure that are possible while the crystal-
linity and crystalline orientation are kept the same are so minimal that
they cannot give rise to changes in the form of the nonlinearity. It is
possible that changes in crystalline orientation are required before changes
can be seen in the form of the nonlinearity.

In summary, a surprisingly small amount of work has been done to
understand the microstructural fedatures controlling nonlinearity. This work
approached the issue by using structural characterization as a partner to
mechanical property measurements., We found that substantial changes in the
stress relaxation modulus were possible with no change in the strain depen~
dence of the modulus. Also, we found that the stress relaxation modulus was
a more sensitive measure of changing structure than orientation function
and crystallinity. We concluded that other microstructural changes, such as
the rearrangement of crystallites into lamellae, which cannot be detected by
changes in orientation functlon or crystallinity, were responsible for the
decrease in modulus. Also, it was apparent that those changes did not
affect the form of the nonlinearity, i.e., the dependence of modulus on
strain.

In conclusion, it is apparent that microstructure is critical in
the type of nonlinear viscoelasticity that a material shows. Thus, both
better ways to characterize semicrystalline stvuctures and an application of
established techniques are vitally needed to gain a fuller understanding of
nonlinear behavior. A problem in the study of microstructural control is

that the microstructiure of isotropic and oriented semicrystalline polymers
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is still an issue of great drbate. Because of the lack of agreement over
what the microstructure is, the effect of annealing on the microstructure,
the structural causes of stiffness and strength, and, in this case, the
effect of structure on nonlinear or linear viscoelasticity, are difficult
to assess. Thus, studies which seek to understand the detailed nature of
semicrystalline microstructure are exceedingly worthwhile if we are ever

to understand the mechanical behavior of these useful polymers.
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MODELING VISCOELASTICITY

Linear Viscoelasticity

it ¥
PR R T ey

Attempts to model linear viscoelastic behavior have, to a large

. extent, consisted of efforts to explain or predict the form of the material

functions, such as the extensional modulus, E(t). The general form of the

modulus' dependence on time is shown in Figure 32. Arrangements of springs

and dashpots were some of the earliest models of the time dependence of
modulus. These mechanical analogs provided a way to incorporate both the

elastic and viscous elements of the material's behavior. A spring and

fatd b e DR bary S i it

dashpot arrangement called a standard linear solid is shown in Figure 33.

ekl

The relaxaticn time, T, of an element was defined as the viscosity
of the dashpot divided by the stiffness of the spring. When compared with
an experimentally measured modulus, E(t), the standard linear solid's E(t)
was found to change too abruptly from the initial glassy modulus to a final
rubbery modulus. To deal with this, the concept of the relaxati.n spectrum,
or spectrum of relaxation times, was developed. This corresponds to a

spring and dashpot model having many arms, each having a different relaxa-

tion time. This would result in a more gradual change from the high modulus

to the low modulus. In the actual material, the separate relaxation times

Gt

are thought to correspond to the .motion of different portions or lengths of

b

the polymer :hains.
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The stress-relaxation modulus G(¢) as a function of time ¢
¢ 15 the characteristic time (the relaxation time).

Figure 32: A schematic stress relaxtion curve. (Ref. 37, p. 83)
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(o) (b}

(a) The standard linear sobd; (b) Eyring’s modification of
the standard linear solid with the activated dashpot

Figure 33: Standard linear solids. (Ref. 37, p. 206)
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Modeling Nonlinear Viscoelasticity

The queztion arises, "Why model?" There are at least three reasons.

The first and most elegant use of modeling is to compare data to some theor-

etical physical process. Next, a model can provide a 'common language" by

which data may be compared between workers., Finally, a model can provide a

summary of the data over a range of parameters, so it may be conveniently

used and applied to new circumstances. This latter use is not always possi- :

ble, especially if the conditions of use are different from those under which

the data were collected. Eyring's model of viscoelastic behavior as a ther-

mally activated flow process is an example of the first type of model. The 1

mathematical models, including the multiple integral representation, are

developed with the latter two goals in mind. The many attempts to model

nonlinearity have been thoroughly reviewed by Hadley and Ward(az) in 1975 and

by Yannas(7l) in 1974, 1In the discussion below, a description of both the

Eyring model and a brief review of mathematical models, with a major discus- :

sion of the multiple integral technique, will be given. Othker mathematical

models will be mentioned when they have been used to model the nonlinear

viscoelasticity of polypropylene.

Qi 00 Rt

Thermally Activated Flow

AP o

(44)

Eyring's model is one of the few attempts to associate molec~-

it v

ular level processes with nonlinear properties. He began by assuming that

i Bk

flow in a polymer was related to the thermally activated motion of segments 2

of polymer chains into loose or empty places in the structure. The assump- -

tion was made that the externally applied stress altered the potential

energy barrier to motion. The rate of motion of tha segment was given by

the difference between the rate of flow forward and backward over the barrier.

This gave a net rate of flow for the segment in the forward direction which
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was assumed equal to the strain rate of the polymer. This yields a strain

rate for a thermally activated dashpot:

€ = A-SINH(a'0)

Vi
where A = 2k’ v and
m
o= Vh
2kT

k'= frequency of jumps

volume of the flow hole

<3
]

volume of segment

<t
"

k = Boltzman constant

Using this non-Newtonian dashpot in a standard linear solid spring-
daghpot arrangement (see Figure 33), the followinz was the relation between

stress and strain:

a kl

ky k

€+ A+ STNH(a9-0k, €)

In a stress relaxation test where £(t) = €, and € = 0, we find that

g

k

+ A*SINH(0o - ak,€,)
2 1

0=

The use of this model will be described in the Discussion section.

Mathematical Models of Nonlinear Viscoelasticity

Attempts to describe nonlinear behavior ina succinct mathematical
form have been of three types.(az) The first was based on separable stress
or strain and time functions. Empirical descriptions of creep for materials
with small creep strains using separable stress and time functions were

proposed by Finaley and Khosla (1955, 1956) and Pao and Marin (1952,1953)542)
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Notable representations of stress relaxation and stress-strain curves as
separable functions of strain and time were given by Smith (1562) for
plasticized PVC (e€<20%), by Bernstein et al. (1963), (i.e., BKZ), for
elastomers at small times and for fluids of long times, and by Lianis
(De Hoff et al., 1966) for the stress-relaxation behavior of elastomers.
The fi=st approach to polypropylene's nonlinearity used separable stress

and time variables. Turner's(az)

empirical approach consisted of using a
relatively simple set of tests to predict the creep strain over a region
of stress and time. The limitation of these tests was that though they were
able to predict creep they were not able to predict recovery (the strain in

the specimen when the stress is removed).<42)

Polypropylene was also examined by Ruckley and McCrum (1974) and
Buckley (1977) in a combined tension-torsion loading. By measuring combined
tensile and torsional creep and assuming that the compressive compliance,

B(t) was ‘independent of the stress invariants I, and 12, they found that the

1
shear compliance depended on both I1 and IZ’ the deviatoric and hydrostatic

components of straess respectively. Hadley and Nard(az)

pointed out that
these conclusions were analogous to the one~dimensional treatments of the
BKZ theories, each of which resulted in single integral representations, all
seeking separation of stress and time variables.

The single integral theories of nonlinear viscoelasticity were re-
viewed by Smart and Williams (1972).(42) The BKZ theory and 